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A B S T R A C T

Strategies for fabricating iron-based materials with high strength and ductility are rare despite intense research
efforts within the last decades. This main challenge, which must be overcome in synthesizing such materials, is
described by the strength-ductility trade-off dilemma. This study provides a novel approach to achieve the
synthesis of highly strong and ductile iron-based composites reinforced with a high weight fraction of WC
particles (20 wt%) utilizing laser powder bed fusion (LPBF) as processing technique. Thereby, the LPBF-fabri-
cated composite material has a multi-phase microstructure consisting of ductile austenite (main phase), highly
strong martensite and carbidic precipitations extending across different length-scales. The precipitation of (Fe,
W)3C type carbide at the Fe/WC interface is well controlled. Thus, a very thin reaction layer (< 500 nm) forms
between the WC particles and iron-based matrix. Additionally, nano-scaled precipitations evolve along sub-grain
boundaries and within the sub-grains and they show a high coherency with the iron-based matrix. These iron-
based composites synthesized by LPBF show an excellent compressive strength of about 2833 MPa and large
fracture strain of about 32 %. The following mechanisms contribute to the improved mechanical properties: (1)
multiphase material system, (2) grain refinement, (3) substructures, (4) coherent multiscale interfaces and (5)
nano-precipitations.

1. Introduction

The incorporation of reinforcements, such as oxides, intermetallic
compounds, nitrides, carbides, and borides, into the steel matrix en-
ables the fabrication of materials known as steel matrix composites
(SMCs), which bilaterally benefit from the properties of the reinforce-
ment and the matrix [1]. The synthesis of SMCs represents a very ef-
fective measure to improve the mechanical properties of steel, such as
hardness, strength, fatigue life, and wear resistance [2]. Con-
ventionally, SMCs are prepared using casting or powder metallurgy.
These processing routes are time-consuming and challenging to control.
Additionally, expensive casting molds, coarse grained microstructure
and limited interfacial bonding between reinforcing particles and the
matrix pose major challenges in preparing SMCs [3]. Laser powder bed
fusion (LPBF) is a popular laser additive manufacturing (LAM) tech-
nology enabling the fabrication of complex-shaped components from

metals and composites [4]. LPBF permits to synthesize not only iron-
based composites with complicated shape, but also with designed mi-
crostructures [5]. Therefore, the fabrication of SMCs components by
LPBF is recently under intense research and bears great potential for the
preparation of novel metallic materials with unprecedented properties.

WC is very suitable as reinforcing particles for Fe-based alloys, be-
cause of its high melting point, thermal stability, strength, hardness and
good wettability as well as similar coefficient of thermal expansion.
Consequently, intensive attempts were conducted to fabricate WC/Fe
composites by LPBF within recent years. Thereby, particular focus was
on improving the microhardness and wear resistance of LPBF-processed
WC/Fe composites, which result from the good adhesion of WC parti-
cles through their reaction layer to the Fe-based matrix [6]. However,
these works also unraveled challenges in developing high-performance
SMCs, like the evolution of thick and also brittle reaction layers be-
tween the reinforcing particles and the matrix, due to the formation of
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intermetallic phases, like for instance, M3C type-carbides [7]. Their
formation results in the evolution of cracks, which subsequently pro-
pagate along the interface between WC and iron-based matrix [8].
Thus, the WC particles cannot act in a load-bearing manner which is
detrimental for the mechanical properties of the composite material.
Controlling the phase evolution at the interface between WC reinfor-
cing particles and the iron-based matrix must depend on the diffusion of
W, C, Fe and further alloying elements, which is dramatically complex
due to the non-equilibrium LPBF-processing. One has to take particular
care in controlling the thickness of this reaction layer, so that the WC-
particles ensure a good load-bearing effect. The microstructure and
strength of WC/Fe composites produced by LPBF have been revealed by
Kang et al. [9] who have demonstrated that the addition of WC permits
to increase the strength of SMCs not at a large expense on the ductility.
However, the strengthening mechanisms of SMCs prepared by LPBF
have not been revealed so far, and they can only be understood via a
detailed microstructural analysis. Furthermore, one should also in-
vestigate how the elements W and C affect the phase transformation of
the Fe-based matrix during rapid solidification. W and C greatly extend
the range of ferritic and austenitic stability, respectively. Only if the
phase formation and resulting microstructure of the SMCs is under-
stood, one can strive for tailoring it in order to ultimately design the
mechanical properties of WC/Fe composites by LPBF.

In the present work, WC-reinforced Fe-based composites with high
strength and large ductility are prepared via LPBF. In-depth analysis of
the phase formation and the resulting microstructure including texture
effects on a micrometer scale and precipitations on a nano scale is
conducted. Afterwards, we assess the mechanical properties and com-
pare their performance to other Fe-based alloys and composites pre-
pared by different processing technologies. We are convinced that the
rapid fabrication of SMCs materials by LPBF bears great potential for
the manufacturing of Fe-based components not only with complicated
shape, but also with exceptional properties that meet the increasing
demand for high performance material in the near future.

2. Experimental procedure

2.1. Powder preparation

Raw materials consisted of gas atomized, spherical 1.2767 L tool
steel powder with a mean particle size D50 of 21.6 μm (Fig. 1a), and the
polygonal reinforcing WC particles with the equivalent spherical size
distribution of 5-15 μm (Fig. 1b). The two powder-types, in which the
weight ratio of WC was 20%, were mixed uniformly in a FritschPul-
verisette6 planetary ball mill (Fritsch GmbH, Germany) using a ball-to-
powder weight ratio of 4:1, a rotation speed of the main disc of 200
rpm, and a milling time of 8 h. The well-prepared WC reinforced iron-
based composite powder is shown in Fig. 1c. Fig. 1d and e show the
energy-dispersive X-ray spectroscopy (EDS) analysis of the location
marked by a red cross at the surface of 1.2767 L steel powder. The EDS
data of the starting powder will be compared with the one for the LPBF-
fabricated composite, so that the variation in chemical composition
between original powder material and as-fabricated composite material
can be revealed.

2.2. LPBF process

Iron-based composite samples were fabricated in an in-house de-
veloped LPBF machine equipped with a YLR-500 ytterbium fiber laser
with a maximum power of 500 W and a spot size of 70 μm (IPG Laser
GmbH, Burbach, Germany). Furthermore, the in-house built machine
consists of an automatic powder layering device, an inert argon gas
protection system, and a computer system necessary for the processing
control. Optimized laser energy density (laser power P/scan speed v) of
250∼450 J/m was employed to fabricate nearly full-dense samples.
The selection of the processing parameters is inferred from our previous

work [7]. The layer thickness was set to 30 μm. Cubic samples (10 × 10
× 10 mm3) and cylindrical samples (∅3 mm, length 6 mm) were
produced along the building direction to carry out an in-depth char-
acterization of microstructure and resulting mechanical properties of
the LPBF-fabricated iron-based composites.

2.3. Metallurgical defect analysis

The density of the LPBF-fabricated specimens was measured ac-
cording to the Archimedes principle and computed X-ray tomography
(μ-CT, phoenix nanotom m, GE) was used to determine the pore-size
distribution. LPBF samples with the highest relative density were se-
lected in order to conduct more detailed characterizations.

2.4. Microstructural characterization

Phase identification was performed on polished composite samples
with a thickness of about 1 mm by X-ray diffraction (XRD; STOE Stadi
P, Co Kα1 radiation) at 40 kV and 40 mA, using a continuous scan type
with a step size of 0.02° and scanning speed of 0.5°/min. All XRD scans
were conducted on the plane parallel to the LPBF building direction.
The microstructure of the LPBF-processed composite samples was
characterized using a field emission scanning electron microscope
(SEM; Leo 1530 Gemini) equipped with energy-dispersive X-ray spec-
troscopy (EDS; Quantax400 with SDD-Detector Xflash4010, Bruker). A
FEI Tecnai G2 F20 transmission electron microscope (TEM; FEI,
Hillsboro, Oregon) was used to conduct high angle annular dark field
(HAADF), bright-field (BF), dark-field (DF), energy dispersive spectro-
meter (EDS) and selected area electron diffraction (SAED) analyses
operated at 200 kV with a point-to-point resolution of ≤ 0.21 nm.
Atomic and nano-scale characterization at the phase interface was
conducted in the high-resolution TEM (HR-TEM) mode. The TEM
samples obtained from the LPBF-fabricated components were me-
chanically polished and finally thinned using a Precision Ion Polishing
System (Gatan PIPS™). Phase distribution, micro-texture and grain
boundary distribution were analyzed by electron backscattered dif-
fraction (EBSD) in a NANO SEM 430 (FEI, Hillsboro, Oregon). Inverse
pole figures (IPF) maps and pole figures (PF) were obtained from three
different directions (BD, TD and ND) at the lateral surface of the LPBF-
fabricated cubic sample, where BD corresponds to the building direc-
tion, TD to the transverse direction which is parallel to the surface of
substance, and ND is the normal direction with respect to the lateral
surface of the sample. The scanning step size for the IPF map was set at
0.2 μm. The attained data were analyzed using microstructural data
analysis software TSL OIM (Ametek Inc, Berwyn, Pennsylvania). It
should be noted that only the data for iron-based matrix was analyzed
by TSL OIM and other carbidic phases were filtered out by this software
to optimize the EBSD data.

2.5. Mechanical properties

Quasi-static compression tests were conducted on an MTS Landmark
370 (MTS Systems Corporation, USA) with 500 kN capacity in dis-
placement-controlled mode at room temperature. The outer surface of
the compression samples was kept untreated after the LPBF process in
order to obtain the as-fabricated compression properties. To decrease or
eliminate any frictional eff ;ects, the top and bottom cross-sectional
surfaces of the compression test specimens were lubricated using zinc
stearate prior to testing. The displacement rate for all compressive ex-
periments was set as 0.2 mm/min by controlling the cross head velo-
city. At least three samples were tested to ensure the reproducibility of
the mechanical properties and, hence, reliable results.
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3. Results and discussion

3.1. Metallurgical defect analysis

In order to study the dependence of the relative density (RD) on the
processing parameters, the distribution of the pore-size inherent to the
LPBF-processed composite samples was analyzed using μ-CT.
Depending on the processing parameters, altogether three typical defect
types of the LPBF-prepared samples can be distinguished by μ-CT and
Fig. 2 displays the corresponding reconstructions. The first type of
metallurgical sample-defects can be characterized by large irregularly-
shaped pores evolving when the laser energy density was set at a low
value of 280 J/m. These large pores are distributed throughout the
whole sample-volume, resulting in a limited relative density of about

90.48%. With employing higher laser energy density up to 380 J/m, the
evolution of large pores was eliminated and only a few extremely small-
sized pores can be observed. A high relative density with an overall
value of ∼99.29% was measured for these samples prepared. The final
type of metallurgical defects evolving within the samples during LPBF
occurs at an energy density of 440 J/m and can be characterized by the
formation and propagation of cracks between the layers. Additionally,
some irregular pores could be also observed in the samples synthesized
under these processing condition. Consequently, their overall relative
density is lower and amounts to a value of only 97.67%. Based on the μ-
CT analysis, it was concluded that the samples processed at 380 J/m
show the best processing quality, and therefore, these samples were
selected for further detailed microstructural characterizations.

3.2. Phase identification

A representative XRD pattern of a LPBF-manufactured iron-based
composite part prepared at 380 J/m was attained within a wide 2θ
range (20-120°) and Fig. 3 displays it. Sharp diffraction reflections
corresponding to the face-centered cubic Fe (austenite), tetragonal Fe
(martensite) and carbides of the structure-types WC1-x and M6C were
detected. Thereby, austenite is the dominating phase instead of mar-
tensite, albeit the fact that, during LPBF-processing tool steel materials,
a large proportion of solidified austenite would transform into mar-
tensite due to the self-quenching effect [10]. Owing to the presence of
WC particles, the austenite phase is stabilized during LPBF, as we will
explain in the following. The WC was found to transform into the car-
bide-type WC1-x, indicating a significant diffusion of carbon from WC
particles into the iron-based matrix. This diffusion greatly affects the
phase formation of the Fe-based matrix in the direct vicinity of the
carbidic reinforcing particles, since carbon is an austenite forming
element. We can infer that large amounts of diffused carbon solubilizes
in the iron-based matrix as interstitial atoms and affect the phase
transformation of the iron-based matrix between austenite and mar-
tensite. Moreover, diffused carbon atoms also appear to participate in
the formation of the carbide-type M6C with the carbide forming ele-
ments, such as Fe and W.

Fig. 1. Morphologies of the initial powders: (a) 1.2767 L tool steel powder; (b) WC particles; (c) Homogeneously mixed Fe-based composite powder reinforced with
20 wt% WC. (d)-(e) The energy-dispersive X-ray spectroscopy (EDS) analysis of the location marked by a red cross at the surface of 1.2767 L steel powder.

Fig. 2. Evolution of metallurgical defects during LPBF processing of the spe-
cimens at three different laser energy densities inferred from μ-CT: (a) 280 J/m,
(b) 380 J/m, and (c) 440 J/m.
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3.3. Microstructural evolution

In order to disclose the phase distribution and micro-texture of the
iron-based matrix within the LPBF-processed iron-based composite, an
EBSD analysis was conducted parallel to the lateral surface of the pre-
pared samples. The corresponding phase and inverse pole figure (IPF)
maps are shown in Fig. 4. From the EBSD results, one can observe that
the iron-based matrix composed mainly of austenite instead of mar-
tensite. This observation is in line with the results obtained from the
XRD analysis. Interestingly, most of the martensitic region is present as
a laminar configuration and the corresponding size distribution appears
to be bimodal. It seems that the formation of martensite was aggregated
at the bottom of the crescent-like molten pool resulting from the laser
treatment. It has been well published that the martensitic micro-
structure generally re-transforms into austenite during the melting of an
overlying powder layer, since the temperature in some regions of the
molten pool is above the austenite-finish-temperature (Af), due to the
constant heat flow originating from the molten regions towards the
building platform [11]. Afterwards, one would expect that austenite
transforms into martensite, owing to the high inherent cooling rate
effective during LPBF [5]. Therefore, martensite constitutes the major

phase within the microstructure of LPBF-fabricated tool steels, such as
H13 [12]. However, in this study, the majority of the austenite did not
transform into martensite during the subsequent cooling process, owing
to the presence of WC particles and the resulting diffusion of carbon
into the Fe-based matrix. Thus, the untransformed austenite in the
previously processed layers is stabilized. This is highly similar to the Q&
P process [13] in which austenite is stabilized, due to the carbon-su-
persaturated martensite. There, the martensite located in the bottom
region of the molten pool can be only retained, since the temperature at
this location does not exceed the As-temperature during melting of
overlying powder layers. Thus, the incorporation of WC-particles shows
great potential to deliberately tailor the strength and ductility of steel
materials through adjusting the volume fraction of austenitic and
martensitic phases.

In order to study the grain morphologies and crystallographic
micro-texture of the austenite and martensite, IPF mapping was carried
out along the building direction (BD) and the corresponding pole fig-
ures (PF) were obtained. They are presented in Fig. 4 (right) and Fig. 5.
As known from literature, the growth direction of grains is always along
the BD, since the maximum heat flux from the molten pool is extracted
through the material towards the building plate [10]. Especially for
austenitic steel, i.e. 316L, the typical epitaxial columnar microstructure
generally exhibits an extremely high degree of anisotropy featuring a
strong {0 0 1} texture along the BD [14]. Interestingly, with the addi-
tion of WC, the typical columnar microstructure cannot be observed
and the grains do not grow into the adjacent layers anymore. Instead,
the majority of the austenitic and martensitic grains shows random
crystallographic orientations. From the orientation map, a continuous
change of color, e.g. the red/blue/green regions, was observed, in-
dicating a highly isotropic microstructure. The PF plots shown in Fig. 4
quantify the micro-texture intensities along the three crystallographic
direction-families < 001> ,<101> and<111>with respect to the
lateral surface of the fabricated sample. For the martensite, the overall
crystallographic micro-texture is low and only a weakly pro-
nounced< 111>micro-texture can be detected along the normal di-
rection (ND) (Exp. intensitymax = 5.2). In contrast to that, for the
austenite, all crystallographic directions distribute more uniformly on
the PF with lower convergence (Exp. intensitymax = 4.4), which con-
firms the highly isotropic character of the austenitic grains. These re-
sults are also corroborated by the IPF mapping (Fig. 4). The EBSD
analysis additionally indicates that one can deliberately alter the mi-
crostructure of the iron-based matrix by introducing WC particles
during LPBF. These small-sized WC particles act as heterogeneous nu-
cleants for the primary equilibrium phases during solidification of the
molten pool by providing low-energy-barrier nucleation sites at the
solid/liquid interface [15]. From a thermodynamic point of view, less
undercooling is necessary to provide sufficient energy which is required
to activate nucleation [16]. Consequently, more nuclei, readily char-
acterized by random crystallographic directions, form during the soli-
dification process, ultimately leading to a material with isotropic
properties.

After elaborating on the influence of the reinforcing WC-particles on
the crystallographic orientation of the iron-based matrix, we will dwell
on the substructure grain boundaries of the matrix in the following. In
consideration of the formation of a broad range of substructure
boundaries, like sub-grain structures, as well as chemical segregations
during rapid non-equilibrium solidification [17], the grain boundaries
in LPBF-processed iron-based composites were analyzed based on the
EBSD maps. Fig. 6 displays the respective grain boundary map inclusive
of the distribution of grain size and rotation angle between adjacent
grains. In Fig. 6a, the grain boundary-types are indexed with different
colors, such as high angle grain boundaries (HAGBs, 15°-180°) are re-
presented by blue lines and low angle grain boundaries (LAGBs, 2°-15°)
by green and brown lines. Indeed, low-angle grain boundaries, also
known as sub-grain boundaries, form due to dislocation rearrangement.
They are not considered as true grain boundaries, in general [18].

Fig. 3. XRD pattern of the iron-based composite sample. Austenite and mar-
tensite as well as carbides of the WC1-x and M6C types were indexed, where the
red and blue dashed lines represent the standard 2θ of austenite and martensite,
respectively.

Fig. 4. EBSD analysis shows the phase map (a) and Inverse Pole Figure (IPF)
mapping of austenite (b) and martensite (c) within the iron-based matrix (laser
energy density =380 J/m).
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Fig. 5. Pole figure (PF) plots quantify the micro-texture intensities of austenite and martensite along the three crystallographic direction-families < 001> ,<
101> and<111>with respect to the lateral surface of the fabricated samples.

Fig. 6. EBSD analysis shows the (a) grain boundary distribution map, (b) grain size distribution as well as misorientation angle distribution for (c) martensite and (d)
austenite in LPBF-processed iron-based composite samples. Thereby, HAGBs are defined with a misorientation angle of 15°-180° and LAGBs are defined with a
misorientation angle of 2°-15°.
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However, LAGBs cause local lattice distortions and microsegregation
effects. Thus, they pose a strengthening mechanism comparable to the
strengthening effect caused by HAGBs [17]. The grain size distribution
of austenite and retained martensite was measured along the lateral
surface of the LPBF-fabricated specimens and it is shown in Fig. 6b.
Thereby, the size of the martensitic grains follow a rather bimodal
distribution which is in accordance to the results of our previous work,
whereby the size of the martensite-packets depends on the location
within the molten pool [19]. By contrast, the grain size of the trans-
formed austenite is small (average size of about 5 μm), which is much
smaller than the size of austenitic grains of 316L steel synthesized by
LPBF (∼ 25 μm) [20]. This fact demonstrates the significant grain re-
finement effect evoked by incorporating WC particles which serve as
heterogeneous nucleation sites and, hence hinder the growth of auste-
nitic grains. Fig. 6c and d depict the fraction vs. the misorientation
angles of the grain boundary between adjacent grains. Since the for-
mation of martensitic laths always obeys a strict orientation-relation-
ship, their boundaries usually show small misorientations within a
block and consist of LAGBs (25.18%), as Fig. 6c illustrates. Martensite
packets formed along different habit planes in a primary austenite
generally maintain large crystallographic misorientations, entailing the
formation of HAGBs (74.82%). For the austenite, similarly, HAGBs
constitute the most grain boundaries (72.71%). The LAGBs with a
fraction of 27.29% form within the austenite grains as substructures
with low misorientation angles. The M6C type carbides are precipitating
at the LAGBs, as will be discussed later on. The microstructure within
this iron-based composites reinforced with WC-particles and fabricated
by LPBF can be characterized by various features on different length-
scales ranging from nano- to microscale. We believe that their interplay
and the accompanied crossover is essential for the involved strength-
ening effect of this composite. Another factor contributing to the high
strength of this composite material are the carbidic precipitates and
their interfaces which will be addressed next.

FE-SEM and TEM images highlight the morphologies of different
carbides present in the LPBF-manufactured Fe-based composites

samples (Fig. 7). Since our previous investigation [7] has already
confirmed that the WC1-x particles are uniformly distributed within the
iron-based matrix at these processing conditions, we only show high-
magnification images in this study in order to investigate the interface
between the carbidic precipitation and iron-matrix more in detail.
During LPBF-processing of the powder mixture consisting of WC- and
the Fe-based particles, WC1-x particles result due to the carbon deple-
tion and are well bonded to the matrix (Fig. 7a). The interface is very
thin (below 0.5 μm) and consists of a reaction layer. The TEM images
show the detailed morphology of the reaction layer (Fig. 7b and c) and
selected area electron diffraction (SAED) was conducted to identify the
phase constitution of the reaction layer. The reaction layer consists of
numerous nano-sized particles. By SAED analysis (Fig. 7f), these nano-
particles can be identified as a (Fe, W)3C type carbide. During LPBF, the
concentration of carbon is high in the vicinity of the WC1-x particles (the
crystal structure of WC1-x has been proved by SAED in Fig. 7e), due to
the strong diffusion effect activated by the high temperature of molten
pool. However, the extremely high cooling rate during LPBF force the
carbon to undergo a short-distance diffusion, instead of long-distance
diffusion. Thus, a very thin reaction layer results. The FE-SEM image
shown in Fig. 7d was taken from a region which is not in the direct
vicinity of the WC1-x precipitate, where the carbon-diffusion from the
WC into the Fe-based matrix is not significant. There, the iron-based
matrix consists of fine cellular dendrites and interdendritic primary
carbides, which form complex network-like substructures. These in-
terdendritic carbides have compact and lamellar morphologies with a
size of 100 to 250 nm in thickness. According to the XRD results, they
are carbides of the type M6C (M = W, Fe, Cr). Aiming to confirm this
carbidic type, high angle annular dark field (HAADF) microscopy was
endeavored. The corresponding image and EDS map of one cell are il-
lustrated in Fig. 8a. The compositional map reveals a segregation of C
and W along the walls of cellular structure. These fine cellular struc-
tures are difficult to identify by means of IPF mapping, because these
cell walls are formed as LAGBs with very low misorientation angle [17].
Due to the inherent microsegregation effect, these LAGBs are mostly

Fig. 7. SEM and TEM images highlight the microstructure (a-c) around the WC1-x phase and (d) within the iron-based matrix not in direct vicinity of the WC1-x phase.
(e) and (f) are the selected area electron diffraction (SAED) collected from the indicated region in (b) and (c), respectively (laser energy density =380 J/m).
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rich in alloying elements, such as the carbide formers Fe, W, and Cr, and
hence facilitate the formation of interdendritic carbides. Additionally,
TEM-BF was carried out to verify the interdendritic carbidic phase
(Fig. 8b), which is located along the LAGBs. The appendant SAED
pattern, shown in Fig. 8c, collected from the indicated region (Fig. 8b,
red circle) can be indexed as Fe5WC from the zone axis adopting the
face centered cubic space group Fd-3m with a lattice constant of 10.761
Å (red rhombus). Besides, the SAED pattern corresponding to austenite
from the < >112̄ zone axis can also be observed (blue rhombus). Fig. 8c
shows the EDS spectrum of the location marked by the orange cross
point 1 (P1) in Fig. 8b. Based on it, one can determine the atomic ratio
of Fe, W, and C elements to be close to 5:1:1. This ratio confirms the
interdendritic phase to be the Fe5WC type carbide. According to lit-
erature, the interdendritic Fe5WC carbide has a very low universal

anisotropy index of∼0, a high young’s modulus of 210.4 GPa as well as
a large hardness of 6.01 GPa [21] and its formation is believed to im-
prove the interface cohesion between the sub-grains. Additionally, the
interdendritic Fe5WC carbide could serve as a barrier to the growing
and merging sub-grains when subjected to constant heat flux caused by
the fabrication of overlying layers via LPBF [22]. Thus, this inter-
dendritic carbidic phase seems to preserve the cross-scaled solidified
microstructure of LPBF-fabricated iron-based composite-components.
Fig. 8d shows the EDS spectrum of the location marked by the orange
cross point 2 (P2) in Fig. 8b. Compared to the EDS result of the original
steel powder given in Fig. 1e, one can observe that the C content in the
iron-based matrix shows a large increase from 9.2 at.% to 18.9 at.%. It
should be noted that it is very difficult to detect the content of C pre-
cisely using the EDS analysis because of the contamination of C

Fig. 8. TEM analysis of the interdendritic carbidic phase. The Fe-based composite was synthesized at a laser energy density of 380 J/m. (a) HAADF TEM image of the
solidification cellular structure and related EDS mapping shows the element distribution of C, Fe, Ni and W; (b) BF image shows that the interdendritic carbides are
located along the LAGBs and (c) the corresponding SAED pattern collected from the indicated region (red circle) confirms the formation of the Fe5WC type carbide
and retained austenite; (d)-(e) The EDS spectrum was obtained from the location indicated by the orange crosses (Point 1, P1, and Point 2, P2) in (b).
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elements or different sensitivities of different elements to the EDS de-
tector. Even so, the significantly increasing trend of C content can prove
that the austenite retained during the cooling process of LPBF is due to
the diffusion of carbon from WC particles into the Fe-based matrix.

A closer look on the EDS map of carbon shown in Fig. 8a, reveals the
carbon to be non-uniformly distributed within the cell substructures,
which rises the suspicion of a further carbidic phase to be present inside
the sub-grains. Therefore, complementary TEM-BF microscopy was
conducted at a higher magnification permitting more detailed micro-
structural analysis (Fig. 9a). Ultrafine and spherically shaped pre-
cipitates with a size of about 70 nm in diameter can be observed. The
inset depicts the corresponding SAED pattern allowing to identify this
nanoprecipitate as Fe2W2C type carbide from the < >11̄4 zone axis
adopting the face centered cubic space group Fd-3 with lattice constant
of 11.105 Å. Additionally, we carried out EDS analysis (Fig. 9b) along a
line to determine the variations of C, Fe, Ni and W. The line starts in the
Fe-based matrix crosses the nanoprecipitate and ends again within the
matrix. Inside the nanoparticle, the atomic ratio of Fe:W was not ex-
actly 1:1, because of inevitable measuring inaccuracies at such a high

magnification. The results indicate that the nanoparticle is formed in an
environment depleted in solutes such as W and C which have the
nominal solution state, when they are not in the direct vicinity of the
nanoparticle. This demonstrates that the development of these nano-
particles is mainly based on short-range reshuffling of the constituents
instead of long-range diffusion of elements, due to the unique rapid
non-equilibrium solidification during LPBF. Fig. 9c presents a high-re-
solution (HR) TEM image under inverse fast Fourier transformation
(IFFT) of the interface between the nanoprecipitate and the sur-
rounding matrix and Fig. 9d and e depict the fast Fourier transforma-
tion (FFT) patterns from the regions indicated in Fig. 9c by the red
(nanoprecipitate) and blue (matrix) rectangle, respectively. No sharp
particle/matrix interfaces can be observed and the nano-sized pre-
cipitate appears to be highly coherent with the iron matrix. The FFT
patterns further permit to identify the atomic structure of the nano-
particle and Fe-based matrix. The FFT spots confirm that the nano-
particle and Fe-based matrix are indeed of Fe2W2C type carbide and
austenitic structure. Their relating crystal orientation can be de-
termined as i.e. [11̄1]Fe2W2C//[11̄0]Fe. These findings are in line with the

Fig. 9. High-resolution (HR) TEM of a nano-precipitate within the cell substructure. (a) BF image at higher magnification reveals the detailed microstructure inside
the cells and the SAED pattern obtained from the indicated region (red circle), shows the formation of a nano-sized Fe2W2C precipitation; (b) EDS analysis shows the
elemental distribution along the line AB indicated in (a); (c) HR-TEM image under IFFT shows the interface between the nanoparticle and the matrix; (d) FFT pattern
of the Fe2W2C nanoparticle and (e) the austenitic matrix, oriented to the [11̄1] and [11̄0] zone axes, respectively.
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HR-TEM observations. After completing the microstructural analysis of
the Fe-based composite, the respective mechanical properties are in-
vestigated next.

3.4. Mechanical properties

Three representative compressive engineering stress-strain curves of
the iron-based composite processed at 380 J/m are depicted in Fig. 10.
All LPBF samples tested demonstrate high compression strengths of
about 2800 MPa and a fracture strain under compressive load of about
32%. The mechanical properties of the LPBF-fabricated samples ob-
tained in the present work are compared to other iron-based alloys and
composites prepared by different preparation technologies, such as the
previously reported FeCrMoVC tool steel, iron-based metallic glass,
S390 high-speed steel as well as TiC-, TiB2-reinforced iron-based com-
posites. Fig. 11 visualizes their fracture strain and compressive strength.
The composites, synthesized in this work, show a balanced combination
of strength and ductility. Thereby, the fracture strain surpasses the
other types of iron-based materials having similar strength. According
to literature, the strength and ductility for metal matrix composites can
be simultaneously improved via three possible mechanisms: (1) cross-

scale grain structure, (2) nanoscale-particles and (3) non-equilibrium
grain boundaries, such as sub-grains [23]. As we have demonstrated
throughout this work, the microstructure of the Fe-based composite
manufactured by LPBF is complex and involves micro- and nanoscopic
precipitates as well as substructures and hence fulfills the above-men-
tioned requirement for manufacturing composites providing both high
strength and ductility. We believe that the synergistic interplay be-
tween all three microstructural features enables this Fe-based compo-
sites to overcome the strength-ductility trade-off dilemma. The multi-
phase microstructure of this Fe-based composite is composed of high-
strength and ductile phases, thus entailing a better combination of
strength and ductility. Additionally, the thin reaction layer at the in-
terface between the carbidic particles and the Fe-based matrix is cap-
able of promoting interfacial bonding and stress transfer [24]. Fur-
thermore, the well-dispersed ultrafine interdendritic Fe5WC carbides
contribute to a suppression of grain boundary cracking and avoid in-
terface decohesion during loading [25]. The Fe2W2C nano-particles
formed inside the subgrains could facilitate the generation of more
dislocations during plastic deformation owing to the Orowan me-
chanism [26]. All these mechanisms appear to cooperate in a sy-
nergistic manner, so that the present Fe-based composite shows the
desired combination of high strength and large ductility. Nevertheless,
to reveal the thorough underlying mechanism for the reinforcement of
strength and ductility, a more detailed investigation will be conducted
in the near future.

4. Conclusions

(1) Introducing WC particles into the iron-based alloy by LPBF sig-
nificantly influences the phase constitution, since the austenitic
phase is stabilized due to the carbon diffusion from the WC re-
inforcing particles. Thus, the volume fraction of austenite and
martensite can be tailored by adjusting the right volume fraction of
WC.

(2) The iron-based matrix was characterized as a texture-less micro-
structure, consisting mainly of fine austenite grains and a small
volume fraction of martensite. Small-sized WC particles serve as
heterogeneous nuclei for the primary equilibrium phases of the Fe-
based alloy, as the molten pool solidifies. The WC-particles provide
low-energy-barrier heterogeneous nucleation sites at the solid/li-
quid interface, so that less energy is necessary to activate nuclea-
tion. Consequently, more nuclei form during the solidification
process, leading to a more fine-grained and particular isotropic
material. During solidification carbon diffused from the WC to-
wards the Fe-based matrix entailing the formation of WC1-x parti-
cles and the carbon enriched matrix including a thin reaction layer
between both phases with a strong interfacial bonding. The reaction
layer consists of numerous nano-sized (Fe, W)3C carbide particles.

(3) Besides HAGBs, numerous sub-grain could be observed within the
Fe-based grains of the matrix, leading to the evolution of diverse
substructures within the LPBF-synthesized microstructure. Aside
local lattice distortion in matrix-regions, also microsegregations
were observed and they arise mainly because of the presence of
LAGBs. Along these sub-grain boundaries interdendritic primary
carbides of Fe5WC type precipitate in a network-like structure with
an average thickness of 100-250 nm. Additionally, ultrafine
spherically shaped carbidic precipitates of Fe2W2C type carbide
(about 70 nm in diameter) are present at the grain boundaries.
These nano-sized carbides showed a highly coherent interface with
the iron-based sub-grains, indicative of a strong interfacial bonding.
The microstructure of the synthesized Fe-based composite including
WC-based reinforcing particles consists of diverse features on
completely different length-scales ranging from lower nm to hun-
dreds μm. Thus, one can describes it as a novel cross-scale micro-
structure which could be only attained by LPBF.

(4) The LPBF-fabricated iron-based composites demonstrate an

Fig. 10. Three representative engineering compressive stress-strain curves of
the LPBF-fabricated iron-based composite. Sample 1 (S1), sample 2 (S2) and
sample 3 (S3) were synthesized at the identical processing condition of 380 J/
m.

Fig. 11. A comparison between the mechanical properties of the here in-
vestigated LPBF-manufactured iron-based composite and other Fe-based alloys
as well as their composites fabricated using different techniques [27–39].
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excellent compressive strength of about 2833 MPa and simulta-
neously a large fracture strain of about 32 %. Thus, the synthesized
composite material shows a balanced mechanical profile combining
high strength and large ductility when compared to other iron-
based alloys and composites prepared by different manufacturing
technologies. This superior mechanical properties of the LPBF-
prepared iron-based composites involve several strengthening me-
chanisms in a synergistic manner arising from the above described
cross-scale microstructural features, such as the multiphase mate-
rial system, thin particle/matrix reaction layer, grain boundaries
strengthening via the refinement of austenite grains and the for-
mation of well-dispersed ultrafine interdendritic Fe5WC carbides as
well as the Orowan mechanism related to the precipitation of
Fe2W2C nano-particles within the sub-grains.
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